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ABSTRACT: Considerable improvement in the impact toughness of an annealed polypropylene (PP)
nanocomposite containing CaCO3 nanoparticles was achieved and its toughening mechanism was investigated.
The nanocomposite was prepared by melt-blending PP and CaCO3 nanoparticles in a batch mixer. Injection-
modeled impact and tensile bars were annealed at 150 °C for 2 h prior to the impact and tensile tests. The Young
modulus and yield stress of the nanocomposite were found to increase after annealing. What is more, the annealed
nanocomposite had much higher impact toughness than its unannealed counterpart. The average Izod impact
strength of the 150 °C-annealed nanocomposite, containing 20 wt % (7.8 vol %) CaCO3 nanoparticles coated
with 6 wt % stearic acid, was 168 J/m, which was 3.5 times higher than that of neat PP. Experiments, including
X-ray diffraction, differential scanning calorimetry, scanning electron microscopy (SEM) and the instrumented
falling-weight impact test, were performed to study the toughening mechanism of the annealed nanocomposite.
SEM micrographs of the impact fracture surface and bulk morphology underneath the fracture surface of the
broken Izod samples and the results of the instrumented falling-weight impact test suggested that the plastic
deformation zone that formed in the crack-initiation stage was responsible for the high impact toughness of the
annealed nanocomposite. The micromorphology ahead of the arrested crack tip of the annealed nanocomposite
showed that the propagation of the crack occurred through shear-to-rupture of the ligaments at the crack opening.
The size of the plastic deformation zone and the fracture energy were likely related to the increased matrix
ligament strength after annealing. In summary, the annealing-reinforced ligaments were proposed to be responsible
for the high impact toughness of the annealed nanocomposite.

1. Introduction
Polypropylene (PP), one of the most widely used commodity

plastics, has been the subject of intensive studies with the
objective to improve its mechanical properties. PP composites
with high modulus and impact strength, especially at low
temperatures, are highly desirable for many industrial applica-
tions. Calcium carbonate, one of most commonly used inorganic
fillers, has been used to improve the stiffness and impact
toughness of PP. Many researchers have performed studies on
the toughening mechanisms of calcium carbonate-filled PP.1-8

It is generally agreed that cavitations, which are induced by
debonding at the particle-matrix interface, release the triaxial
tension state of the ligaments, resulting in massive plastic
deformation, which is a substantial energy-absorbing pro-
cess.3,5,6,9 Many factors have been shown to control the ultimate
impact strength of the composites, such as the size of inclu-
sion,3,4,10 the adhesion between the filler and the matrix,2,11-13

and the crystalline morphology of the matrix.14-17 However,
the effects of the size of the calcium carbonate particles on the
impact toughness of PP have not yet been clearly identified.
Thio et al.4 revealed that PP filled with 0.7-µm particles had
high toughness while PP filled with 70-nm particles had reduced
toughness. Their observations were replicated by Zuiderduin
et al., who also found that 70-nm particles failed to toughen
PP.3 Thio et al. and Zuiderduin et al. attributed the failure of
the 70-nm particles to toughen PP to their poor dispersion. In
contrast with their results, Chan et al.5 successfully used surface-
modified 44-nm calcium carbonate particles to increase the Izod
impact strength of PP up to 2.5 times. Observations using

transmission electron microscopy (TEM) showed that nanopar-
ticle agglomerates were broken down to primary particles during
mixing, resulting in good dispersion of the nanoparticles.
Another successful example of using calcium carbonate nano-
particles was presented by Wang et al.18 They claimed that when
the surfaces of calcium carbonate nanoparticles were uniformly
coated with a surfactant, good dispersion was achieved, leading
to high impact toughness of the nanocomposites. The discrep-
ancies in the findings on the toughening effectiveness of calcium
carbonate nanoparticles may be caused by their different degrees
of dispersion in polymers. In order to achieve good dispersion,
surface modification of the calcium carbonate nanoparticles is
necessary. The surfactant selected should have weak interactions
with the polymer matrix to facilitate interface debonding, which
is important in releasing plastic constraints and improving the
toughness of the nanocomposites.2,13,19,20 To achieve good
results, an optimum amount of surfactant should be used. Osman
et al.21 indicated that an excessive amount of coating led to a
negative effect on the mechanical properties of the composites.
In addition to the influence of nanoparticles, the mechanical
properties of composites also depend on the morphology of the
polymer.14-17,22-26 One of the most obvious examples is that
� PP has a higher impact toughness than R PP. Labour et al.15

investigated the effect of the � crystalline phase on the
mechanical properties of CaCO3-filled PP and correlated the
intrinsic molecular arrangement of the � phase with its low
plastic deformation resistance. In addition, the crystalline
morphology, including the lamellar thickness, crystallinity,
spherulitic size and the perfection of the crystal domains, also
influences the mechanical properties of PP.23-26 Morphological
changes in nanocomposites can be introduced simply by
annealing them at elevated temperatures. The effects of anneal-
ing time and temperature on the microstructures of PP have
been extensively studied,23,25,27-29 although the results are
mostly from neat PP. Due to the nucleation effect of nanosized
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particles, small and imperfect spherulites form as a result. The
effects of annealing on refined spherulites may influence the
mechanical properties of PP nanocomposites in different ways.

In this study, we used 70-nm calcium carbonate particles to
toughen isotactic PP (i-PP). To ensure good dispersion, the
nanoparticles were coated with a monolayer of stearic acid. The
effects of annealing on the impact toughness of the calcium
carbonate nanocomposites were found to be tremendous. The
fracture mechanism of the annealed nanocomposites was
investigated.

2. Experimental Section

2.1. Materials. Homopolymer i-PP was supplied by Samsung
Company. Its melt flow index measured with an ASTM-D1238 was
5.0 g/10 min. Calcium carbonate nanoparticles, with a trade name
of SPT, were provided by Solvay Chemical Company. The average
particle size of SPT was determined to be about 70 ( 10 nm by
measuring the sizes of the particles on a scanning electron
microscopy (SEM) micrograph, as shown in Figure 1. An antioxi-
dant (0.5 wt %), Irganox 1010, was added to the PP during
compounding. The stearic acid was purchased from Sigma with a
purity grade of 95%.

2.2. Surface Treatment of the Nanoparticles. SPT, as received,
was coated with 2 wt % stearic acid. To improve its dispersion in
the polymer matrix, the as-received SPT was further coated with
stearic acid to increase its compatibility with the PP matrix and to
minimize the interactions among the particles. The coating method
was as follows. First, 10 g of SPT was mixed with a 40 mL solution
mixture of water and ethanol in a volume ratio of 3:1. The

suspension was stirred by a magnetic stirrer for 2 h to completely
wet the particles. Then, the suspension was heated to and maintained
at 80 °C. A fixed amount of stearic acid dissolved in the ethanol
solvent was gradually added to the suspension drop by drop. After
2 h of reaction time, surface-treated calcium carbonate particles,
which settled at the bottom of the beaker, were dried in an oven at
105 °C overnight. The actual amount of stearic acid coated on the
calcium carbonate particles was measured by a thermogravimetric
analyzer (TGA). The measurement was conducted at a heating rate
of 20 °C/min under compressed air flow.

2.3. Preparation and Characterization of the Nanocomposite.
A nanocomposite containing 20 wt % (7.8 vol %) nanoparticles
was prepared. PP and surface-treated CaCO3 nanoparticles were
blended in a Hakke mixer. The mixing time and temperature were
15 min and 180 °C, respectively. The rotor speed was 60 rpm and
the detailed blending procedures were described previously.5 The
crystallization characteristics of the annealed and unannealed
nanocomposites were studied by a Perkin-Elmer (Diamond 7)
differential scanning calorimeter (DSC). The melting temperature
and crystallinity were determined using a heating scan obtained at
a heating rate of 10 °C/min. The crystallization temperature was
determined from a cooling scan obtained at a cooling rate of 10
°C/min. The heat of fusion of the PP crystals was taken to be 209
J/g.30 X-ray diffraction (XRD) spectra were obtained using a
PANalytical X’Pert PRO operated at a voltage of 40 kV and with
a current of 40 mA, using Cu KR radiation (λ ) 1.54056). A dwell
time of 2 s per step was used. The dispersion state of the
nanoparticles was examined by optical microscopy (OM). OM
micrographs were taken from 10-µm thick thin films of the
nanocomposites. The micromorphology of the nanocomposites was
examined by TEM. Thin sections (∼80 nm) of nanocomposites
were cut using a Leica Ultract R microtome equipped with a
diamond knife at room temperature. To reveal the lamellar
structures, the nanocomposites were stained with RuO4. The detailed
procedures of ultramicrotomy and staining can found in the paper
by Li et al.31 The nanocomposites were melted at 200 °C for 10
min in a hot press and then pressure was applied for another 5 min
to produce sheets with a thickness of 2.5 mm. After cooling down
the sheets at the cooling rate of 20 °C/ min to room temperature,
they were cut into 70 mm × 70 mm squares for testing.

2.4. Mechanical Test. The injection molding conditions of the
impact and tensile bars were as described previously.5 ASTM-D658
and ASTM-D256 methods were used to prepare the tensile and
impact bars, respectively. The injection-molded tensile and impact
bars were annealed in an oven at designated temperatures and for
designated periods of time. After annealing, the samples were cooled
in the ambient air. The annealed impact bars were stored at 23 (
3 °C at a relative humidity of 50% for 24 h before notching.
V-shaped notches were produced by a CSI automatic notcher (CS-
93M). The cutter speed and the table feed rate were about 92 and
100 mm/min, respectively. The Izod impact tests were conducted
one day after the samples were notched. Tensile-elongation
measurements were performed one day after the tensile bars were

Figure 1. SEM micrograph of SPT.

Figure 2. Schematic picture to show the fracture surface and the cross-
section of a broken Izod sample for SEM observations.

Figure 3. DTG curves of calcium carbonate nanoparticles coated with
different amounts of stearic acid.
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annealed. A crosshead speed of 5 mm/min was used in the tensile
tests. Instrumented falling-weight impact tests were conducted on
a FRACTOVIS PLUS manufactured by CEAST. The impact weight
was 3.0 Kg. A striker having a hemispheric head with a diameter
of 20 mm was used. The impact velocity was 3 m/s.

2.5. Fractographs. The dimensions of the plastic deformation
zone of the broken Izod samples were measured using SEM
micrographs obtained on the fracture surface and the cross-section,
as shown in Figure 2. The cross-section of the fractured Izod sample
was produced by cryo-fracture. After immersing the sample in liquid
nitrogen for more than 20 min, it was cleaved by a wedge
immediately (less than 3 s) after it had been taken out of liquid
nitrogen. To examine the crack-initiation stage, an arrested crack
in an annealed sample was produced with a Charpy impact tester.
The notched impact bars were placed on two supporters of the
Charpy instrument as usual. The pendulum was raised at an angle
of 90° from the vertical and then released to hit the sample. With
an appropriately chosen weight, the sample was not broken into
two halves and the propagating crack stopped in the interior of the
sample. The method used to expose the morphology of the arrested
crack in the bulk for the SEM observations was the same as the
one used to expose the cross-section of the broken Izod sample. A
block of the annealed nanocomposite containing the arrested crack
was embedded by an epoxy matrix then was cut into thin sections
(∼ 80 nm) at room temperature using a Leica Ultract R microtome
equipped with a diamond knife. The thin sections containing the
arrested crack tip were examined with a JEOL 100CX II TEM
operated at an accelerating voltage of 100 kV. SEM observations
were performed on JEOL JSM-6390 or -6700F SEM. To prevent
charging, the SEM samples were sputter-coated with gold.

3. Results and Discussion

3.1. Determination of Stearic Acid Coverage on SPT. The
amount of coating on the particles has a great effect on their
dispersion in a polymer matrix. Recently, Osman et al.32 used
differential thermal gravimetric analysis (DTG) to differentiate
physisorbed from chemisorbed coatings on calcium carbonate
particles. They found that if there is only one layer of
chemisorbed coating, then only one decomposition peak appears
in the DTG curve. If the coating is thicker than a monolayer,
physisorbed layers will appear. As a result, a shoulder or even
a new peak, depending on the amount of coating used, will
emerge at a lower temperature. The critical amount of coating
that is associated with the emergence of a shoulder can be
regarded as the complete monolayer coating. The DTG traces
of SPT particles with different coating amounts are displayed
in Figure 3. For the 4 and 6 wt % coatings, a single peak appears
at about 330 °C. The peak shifts to a lower temperature when
the coating amount increases to 7 wt %. Therefore, a 6 wt %
coating can be regarded as the correct amount needed for a

complete monolayer coating. The amount of stearic acid needed
for a monolayer coating can be also estimated theoretically using
the fact that the surface area of SPT was reported by the supplier
to be 22.2 m2/g and each Ca2+ ion occupies an area of 0.2 nm2,
according to its crystal structure.33 If each stearic acid molecule
connects one Ca2+ ion and orients vertically to the particle
surface,34 the calculated amount of stearic acid that is needed
to produce the complete monolayer coating is about 5.3 wt %.
The calculated and DTG results show good agreement. In order
to achieve good dispersion and to avoid the negative effect
induced by excessive amounts of coating, nanosized calcium
carbonate particles coated with 6 wt % stearic acid were used
to prepare the PP nanocomposite.

3.2. Characterization of PP and Nanocomposites. The
dispersion state of the nanoparticles in the PP matrix was
examined by OM. The OM micrographs of the nanocomposites
containing 20 wt % as-received nanoparticles and monolayer-

Figure 4. Optical micrographs showing the dispersion of nanoparticles (20 wt %) in the PP matrix: (a) the nanocomposite contains the as-received
nanoparticles and (b) the nanocomposite contains the monolayer-coated nanoparticles.

Figure 5. TEM micrograph showing the dispersion of the monolayer-
coated nanoparticles in the PP matrix.

Table 1. Mechanical and Thermal Properties of i-PP and
Nanocomposites with and without Heat Treatment

Young’s
modulus

(GPa)

yield
stress
(MPa)

Izod impact
strength

(J/m)
Tm

(°C)
Tc

(°C)
crystallinity

(wt %)

PP 1.9 ( 0.1 36.3 ( 0.2 38 ( 3 166 115 34.6
annealed PP 2.1 ( 0.1 35.5 ( 0.3 45 ( 5 167 – 40.1
unannealed

nanocomposite
2.7 ( 0.1 31.6 ( 0.4 51 ( 5 165 121 33.3

annealed
nanocomposite

3.4 ( 0.1 33.5 ( 0.3 168 ( 10 164 – 41.4
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coated nanoparticles are shown in Figure 4, parts a and b,
respectively. The as-received nanoparticles formed large ag-
glomerations in the PP matrix, as seen in Figure 4a. In contrast,
when the nanoparticles were coated with a monolayer of stearic
acid, no obvious agglomerations were observed, as evidenced
in Figure 4b. This comparison clearly indicates that good
dispersion can be achieved using the nanoparticles with a
monolayer coating of stearic acid. The TEM micrograph, as
shown in Figure 5, also reveals that the monolayer-coated
nanoparticles were dispersed reasonably well in the PP matrix.

The mechanical and thermal properties of PP and nanocom-
posites with and without heat treatment are listed in Table 1. A
noticeable change in the mechanical property after annealing
is that the impact strength of the annealed nanocomposite
increased by more than three times compared with that of the
unannealed nanocomposite. The yield stresses of unannealed
and annealed nanocomposites, which were lower than that of
neat PP because of the debonding of the nanoparticles from
the PP matrix,35 indicates that the bonding strength between
the PP and the nanoparticles is relatively weak. Due to the
presence of CaCO3 nanoparticles and debonding not occurring
in the elastic region during the tensile test,35 the Young’s moduli
of both the annealed and unannealed nanocomposites were
higher than that of neat PP. No significant increase in the
crystallinity of PP was observed after the addition of CaCO3

nanoparticles while the crystallinity of the neat PP and nano-
composite increased by about 16 and 25 wt %, respectively,
upon annealing, probably due to the thickening of lamellae,
perfection of crystals and transformation of the � phase to the
R phase, as discussed later. The increased crystallinity led to
an increase in the Young’s modulus and the yield stress of the
annealed nanocomposite. The increased crystallization temper-
ature from 115 °C of neat PP to 121 °C of the nanocomposite
indicates that the nanoparticles had a strong nucleation effect.
Due to the presence of many heterogeneous nucleating agents,
the sizes of the spherulites should be reduced significantly as
reported previously.5 An extensive review of SEM micrographs
of unannealed and annealed samples did not reveal the presence
of any spherulites. TEM micrographs of unannealed and
annealed samples, as shown in Figures 6a and b, respectively,
do not show the presence of spherulites either.

The morphological changes caused by annealing were
analyzed by XRD and DSC. Figure 7 shows XRD spectra of

unannealed and annealed samples. The curve of the unannealed
sample was shifted up by 300 arbitrary units. The characteristic
peak (300) of the � phase almost disappeared after annealing
at 150 °C for 2 h. In fact, this result is consistent with the PP
time-temperature-crystallization diagram15 and similar results
have been obtained by other researchers.15,23,36,37 At 150 °C,
the � phase transforms to the R phase. These XRD results clearly
indicate that the � phase, though having high impact toughness,
is not the cause for the high impact strength of the annealed
nanocomposite.

Figure 8 shows the DSC melting curves of the unannealed
and annealed samples. In the unannealed sample, the small peak
at 146 °C is indicative of the presence of a small amount of the
� phase, which was also detected in the XRD spectrum. The
melting of the annealed nanocomposites started at a higher
temperature, indicating an increase in the lamellar thickness
upon annealing. A noticeable change upon annealing in the DSC
curve is the significant growth of an endothermic shoulder at
about 152 °C, implying that a microstructural evolution was
generated by the heat treatment. It should be pointed out that
the endothermic shoulder does not represent multiple phases
because only the R phase was detected in the XRD spectrum.
The endothermic peak may represent a group of R phase
lamellae but with less thermal stability.

The causes of the two endotherms in the fusion of R PP have
been studied.28,29 Petraccone et al.38 proposed that the two
endotherms were due to a partial melting and recrystallization

Figure 6. TEM micrographs showing the lamellar structures of the nanocomposites: (a) an unannealed nanocomposite and (b) an annealed
nanocomposite.

Figure 7. XRD spectra of annealed and unannealed nanocomposites.
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process. A high-temperature melting peak is associated with
the melting of the recrystallized lamellae formed during the
heating scanning, which were originally thinner and less perfect
because they were formed at a lower crystallization temperature.
According to this argument, the area of the high-temperature
melting peak should decrease with the heating rate. However,
the ratio of the peak area at the high temperature to that at the
low temperature of the annealed sample did not change when
the heating rate decreased from 10 to 5 °C/min. Hence, the
endothermic peak is not due to the artifact of heating.

The endothermic shoulder is likely due to the unique cross-
hatched structure of PP in which radial and tangential lamellae
coexist.39,40 As shown by Janimak et al.,41 the radial lamellae
have a larger lamellar thickness than the tangential lamellae
have if PP crystallizes at a small degree of supercooling. In
contrast, if PP crystallizes at a low temperature, the radial and
tangential lamellae have similar lamellar thicknesses. The
melting of the radial and tangential lamellae with different
lamellar thicknesses at different temperatures causes two endo-
thermic peaks when PP crystallizes at high temperatures. This
is confirmed by the consistency of the birefringence change of
the spherulites when the temperature was increased to the
melting temperature of the tangential lamellae, as shown by
Alamo et al.37 At 150 °C, melting and recrystallization occurred,
resulting in the cross-hatched structure with thicker radial
lamellae and thinner tangential lamellae. Therefore, the endo-
thermic shoulder, which appeared after annealing, likely rep-
resents the melting of the tangential lamellae formed during
annealing. The TEM micrographs of the unannealed and
annealed samples shown in Figure 6 also reveal the enhancement
of the cross-hatched structure after annealing.

3.3. Investigation of the Fracture and Toughening Mecha-
nisms. To determine the toughening mechanism, the major
energy-consumption term must first be identified. Instrumented
falling-weight impact tests were conducted to measure the
energy consumption profile of the samples during the impact
process. Representative load-displacement curves of annealed
and unannealed nanocomposites are depicted in Figure 9. These
two curves show that the impact forces increase up to a
maximum value and then quickly drop to zero, implying that
most energy is consumed in the initiation stage while little
energy is dissipated in the fast-crack-propagation stage. Figure
9 clearly shows that the annealed nanocomposite can sustain a
fracture force of about 1600 N, much higher than 700 N of the
unannealed sample. This implies that a higher force is needed
to initiate a crack in an annealed nanocomposite. In addition,
the displacement of the annealed sample is larger than that of
the unannealed one. The fracture energy, roughly determined
by half of the product of the fracture force and the displacement,
of the annealed sample is much larger than that of the
unannealed one. This suggests that the high toughness of the
annealed nanocomposite is due to the high energy absorption
in the crack-initiation stage. SEM micrographs of unannealed
and annealed nanocomposites visibly support this argument.
Parts a-c of Figure 10 are SEM micrographs taken from the
fracture surface of an annealed sample at the notch root at
different magnifications. The crack-propagation direction is
indicated with an arrow in the graphs. The crack-initiation region
next to the notch front is divided into two subregions (A and
B) according to different degrees of plastic deformation as
labeled with dotted lines in Figure 10a. Close-up views of the
subregions are presented in Figure 10, parts b and c. The surface
of subregion A, which appears to be relatively smooth, as shown
in Figure 10b, might be caused by the adiabatic heating
generated during the fracture. A rough surface with sheet-like
sheared fragments is observed in subregion B, as shown in
Figure 10c. The micromorphology of the fracture surface
suggests that intensive plastic deformation occurred during the
Izod impact. The extent of the plastic deformation can be viewed
through the cross-section of a broken Izod sample in a plane
perpendicular to the fracture surface. Figure 11a shows the bulk
morphology underneath the impact fracture surface of an
annealed sample. The sampling location with respect to the
broken impact bar is illustrated by the diagram at left-hand side
of Figure 11a. The crack-propagation direction is indicated with
a white arrow. The boundary of the plastic deformation zone,
which is visible and defined by the whitening belt, is marked
by a dotted line. At the location, as indicated with a vertical
double-headed arrow in Figure 11a, the depth of the plastic
deformation zone is approximately 150 µm. Away from the
notch root, the severity of the plastic deformation decreases, as
displayed in a series of micrographs, shown in Figure 11b-e.
The locations, from where the micrographs were taken, are
labeled with 1, 2, 3, and 4 in Figure 11a. In the area near
the notch root (100 µm away), labeled with1 (c.f., Figure 11b),
nanoparticles are aligned along the crack propagation direction.
This may be the result of the co-operative movements of the
nanoparticles with the shearing of the ligaments. In the area
150 µm away from the notch root, labeled with 2 (cf., Figure
11c), the ligaments are highly fibrillated. In an area further away
from the notch root (250 µm away), labeled as 3 (cf., Figure
11d), dilated voids are observed, resulting from the moderate
stretching of the surrounding ligaments. Debonding of the
nanoparticles from the matrix is observed on the whole plastic
deformation region (cf., Figure 11b-e). In particular, debonding
is still visible in the region about 400 µm away from the notch
root, as labeled with 4 (cf., Figure 11e). The examination of
the fracture surface and the bulk morphology of a broken

Figure 8. DSC heating scans of annealed and unannealed nanocom-
posites.

Figure 9. Load-displacement curves of annealed and unannealed
nanocomposites obtained in the instrumented falling-weight impact test.
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annealed sample from the Izod test confirmed that intensive and
extensive plastic deformation takes place at the initiation stage
of the impact, which is the reason for the high impact strength
of the annealed nanocomposite. For comparisons, the fracture
surface and bulk morphology of a broken unannealed sample
from the Izod test are shown in Figures 12 and 13, respectively.
No sign of plastic deformation can be observed. Debonding is
not distinct in the unannealed nanocomposite. These observa-
tions are consistent with lower impact strength.

The methodology of capturing the crack-initiation process
through an arrested crack tip has been established.42 To
understand the fracture and toughening mechanisms, it is
important to investigate how a crack is initiated and ac-
companied by large energy consumption. The micromorphology
of an arrested crack tip of an annealed nanocomposite was
examined by SEM. Figure 14 shows two micrographs of an
arrested crack tip in an annealed nanocomposite sample at
different magnifications. The sampling location with respect to
the impact bar is illustrated in the diagram inserted in the right
bottom corner of Figure 14a. The crack-propagation direction
is indicated with a white arrow. A large plastic deformation
zone ahead of the arrested crack tip can be seen in Figure 14a.
The crack propagated through the breakage of highly stretched
and fibrillar ligaments, as evidenced in Figure 14b. A more clear
and striking view can be observed on the TEM micrograph of
a thin section containing the arrested crack tip, as shown in
Figure 15. The large microvoids are formed as a result of the
coalescence of neighboring voids. It seems that as long as the
majority of ligaments at the crack tip are not broken, the crack
is still stable and fast crack propagation does not start yet.

Stronger ligaments can sustain a higher fracture force. This
suggests that the great difference in the fracture forces observed
in the instrumented falling-weight impact tests between the
annealed and unannealed samples is due to their different
ligament strengths. In addition, the deformed ligaments blunt
the crack tip to some extent, leading to the release of the stress
concentration at the crack tip. This blunting effect can also
increase the fracture force considerably.

From the micrographs of the arrested crack tip observed by
SEM and TEM, we can deduce the fracture mechanism. First,
due to the stress concentration, the nanoparticles debond from
the PP matrix. Second, as a result of the debonding, the plastic
constraints are released and the ligaments undergo plastic
deformation. Third, as the deformation continues, a microcrack
is formed through the coalescence of the neighboring microvoids
due to the breakage of a large number of the ligaments. Finally,
the microcrack develops into a macro-crack and catastrophic
failure then occurs. Provided that the shear yielding of the
ligaments happens in a large volume of the PP matrix, a
remarkable amount of energy will be dissipated, leading to the
high toughness of the annealed nanocomposite.

3.4. Toughening Mechanism of Annealed Nanocomposite.
SEM observations on the impact fracture surface and the bulk
morphology underneath the fracture surface confirm that the
plastic deformation in the initiation stage is responsible for the
high toughness of the annealed nanocomposite. The micromor-
phology of the arrested crack tip indicates that the crack
propagation is via the shear-to-rupture of the ligaments at the
crack tip. The results of the instrumented falling-weight impact

Figure 10. (a) SEM micrograph of an impact fracture surface at the notch root of an annealed nanocomposite; (b) an enlarged view of subregion
A in Figure 10a; (c) an enlarged view of subregion B in Figure 10a.
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tests revealed that the annealed nanocomposite can sustain a
higher facture force than the unannealed one can. Strong
ligaments can prevent earlier void coalescence, allowing for a
larger plastic deformation zone to develop. As a result, the
energy consumed in the initiation stage is substantial. We
therefore postulate that the development of a large plastic
deformation zone and higher consumption of fracture energy
are due to the strong ligaments in the annealed nanocomposite.

The strengthening of the ligaments in the annealed nano-
composite could be the effect of annealing. Figure 16 shows
the Izod impact strength of nanocomposites annealed at different
temperatures, revealing that the impact strength reaches its
maximum at 155 °C. An extensive analysis of the SEM and

TEM micrographs indicates that spherulites are absent in both
annealed and unannealed samples. Hence, it is safe for us to
assume that interspherulitic failure is absent. Annealing at high
temperatures changes the microstructures, including thickening
of the lamellae and reduction of defects in the lamellae. These
changes in the microstructure increase the intrinsic impact
toughness of the PP matrix if the concentration of the tie
molecules stays relatively constant. However, at high enough
temperatures, the melting and recrystallization process reduces
the concentration of tie molecules. This will lower the impact
toughness of the nanocomposites. In addition, the concentration
of the cross-hatched structure altered by annealing may be
another factor influencing the impact toughness. According to

Figure 11. (a) SEM micrographs of the cross-section of a broken Izod annealed nanocomposite; (b-e) magnified micrographs taken in the locations
as indicated with 1, 2, 3, and 4, respectively in Figure 11a.

9210 Lin et al. Macromolecules, Vol. 41, No. 23, 2008



a recent atomic force microscopy study on the lamellar growth
of iPP, the maximum concentration of the cross-hatched lamellae
appeared at about 153 °C.43 DSC heating scans of our samples,
as shown in Figure 17, indicate that the endothermic shoulder,
which is attributed to the presence of the cross-hatched structure,
shifts to a slightly higher temperature when the annealing
temperature changes from 150 to 155 °C and disappears at 160
°C. This suggests that the nanocomposite annealed at 160 °C
does not have a cross-hatched structure, which is consistent with
the findings in the literature.43,44 As shown in Figure 16, the
impact toughness of the samples annealed at 160 °C is lower
than that of the samples annealed at 150 and 155 °C. It is
possible that the absence of the cross-hatched structure partially
explains the weakening of the ligaments. However, the reduction
of impact toughness at 160 °C can be caused mainly by the
loss of the tie molecules during high-temperature annealing.

Ishikawa et al. proposed that the strength of the fibrils of the
craze is one of the determining factors for the toughness of
PP.45,46 An increase in the fibril strength can sustain a higher
stress and allow the expansion of the local plastic zone until
the critical stress level is reached, causing the microrupture of
the fibrils.46 The matrix ligaments of the nanocomposites are
similar to the fibrils of the craze, both of which control the onset
of the catastrophic cracking and the extent of plastic deforma-
tion. Hence, we propose that the stronger ligaments are likely
responsible for the larger plastic deformation zone of the
annealed samples.

Although the strength of the ligaments strengthened by
annealing is proposed to be the major reason for the high
toughness of the annealed nanocomposite, the effect of annealing
on debonding stress, which may influence the impact toughness,
cannot be disregarded completely. At this moment, whether the
debonding stress increases or decreases after annealing is
unknown to us. However, the debonding stress changed by
annealing, if any, is insignificant to the annealing-induced high
toughness. First, a lower debonding stress might lower the yield
stress, which is one of the factors determining the scale of the
plastic deformation zone. However, according to the tensile test
data, as shown in Table 1, annealing did not give rise to a lower
yield stress in the annealed nanocomposite. Therefore, even if
the debonding stress became lower after annealing, it is not
responsible for the high toughness of the annealed nanocom-
posite because the large plastic deformation zone does not result
from a lower yield stress in the annealed nanocomposite.
Second, the debonding stress might have increased after
annealing possibly due to an increase in the interaction between
nanoparticles and the PP matrix, as shown by the results
summarized in Table 1. A careful analysis of the data revealed
that the Young modulus and the crystallinity of the nanocom-
posites increased by 26 and 25%, respectively, after annealing.
However, a 10% increase in the Young modulus accompanied
by a 16% increase in crystallinity was observed for the neat PP
after annealing. A comparison of the Young modulus and
crystallinity data between the nanocomposites and the neat PP
indicates that the increase in the Young Modulus of the annealed
nanocomposite is much higher than that of the annealed neat
PP relative to their increases in crystallinity after annealing. The
relatively large increase in the Young modulus of the annealed
nanocomposite suggests that there might be other factors that
affect the Young modulus in addition to the increase in
crystallinty. One of the most likely factors is the increased
interaction between the CaCO3 nanoparticles and the PP matrix,
leading to a higher debonding stress. However, the increase in
the interaction should be relatively small because debonding
was still observed in the annealed nanocomposite during the
tensile test. Nevertheless, the effects of annealing on the
debonding stress need a further investigation to provide a more
comprehensive understanding of annealing-induced high impact
toughness.

It is worth pointing out that one of the preconditions for high
impact toughness is the occurrence of nanoparticle debonding,
which releases the triaxial tension state of the ligaments,
rendering the plastic deformation of the ligaments at the
initiation stage feasible. Debonding is seen at the fracture surface
in our samples. It is also necessary to mention the benefits

Figure 12. SEM micrograph of an impact fracture surface of an
unannealed nanocomposite at the notch root.

Figure 13. SEM micrographs of a cross-section underneath the impact fracture surface of an unannealed nanocomposite: (a) low magnification; (b)
high magnification.
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brought by nanoparticles. If the nanoparticles are a nucleating
agent, the reduction of the spherulite sizes or the total absence
of the spherulites can eliminate interspherulitic failure.22 Another
advantage of the use of nanoparticles instead of microsized
particles to toughen PP is that a nanosized filler can create more
voids than a microsized filler can with the same filler weight
percentage, resulting in more polymeric material being involved
in the plastic deformation process. In addition, voids created
by a nanofiller are originally smaller and more stable than those
created by a microfiller, avoiding early brittle fracture. Of course,
the main disadvantage of using nanoparticles is that they are
difficult to disperse uniformly in a polymer matrix.

As discussed above, we propose that the high impact
toughness of the annealed nanocomposite in this study is the
results of three factors working together: (1) good dispersion
of nanoparticles; (2) debonding of the nanoparticles at relatively
low stress levels; (3) ligaments with high strength. In other
words, the high toughness of the annealed nanocomposite is
caused by the intensive and extensive plastic deformation
happening at the crack initiation stage, which is implemented
by the annealing-reinforced ligaments.

4. Conclusion

Good dispersion of nanoparticles is essential and is achieved
by coating the nanoparticles with a monolayer of stearic acid.
Nanoparticles can dramatically improve the impact strength of
i-PP under certain circumstances. The effect of annealing on
the impact strength of the PP nanocomposites is tremendous.
The high toughness is attributed to the large plastic deformation
zone formed in the crack-initiation stage of the impact test. XRD
results confirm that the R phase is exclusively present in the
annealed nanocomposite, excluding the toughening possibility
from the � phase. DSC curves suggest the formation of the
cross-hatched structure and the thickening of the radial lamellae
after annealing. These morphological changes resulting from
annealing are expected to increase ligament strength, which
prevents earlier coalescence of microvoids. As a result, a large
plastic deformation zone accompanied by large energy con-
sumption can develop. The formation of the large- scale plastic
deformation zone was proposed to be caused by two factors.
One is the debonding of the nanoparticles from the PP matrix,
releasing the triaxial tension state of the ligaments. The other

Figure 14. SEM micrographs of an arrested crack tip in an annealed nanocomposite: (a) low magnification; (b) high magnification.

Figure 15. TEM picture of a thin section containing the arrested crack
tip of an annealed nanocomposite.

Figure 16. Izod impact strength of nanocomposites with different
annealing conditions.

Figure 17. DSC heating scans of nanocomposites with different
annealing conditions.
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is the increased strength of the ligaments due to annealing, which
promotes large-scale plastic deformation. Of course, further
investigations on the effects of annealing and the cross-hatched
structure on ligament strength are needed. These works are in
progress.
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